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Figure 1: Schematic picture of a linear polymer molecule, including a magnification of
a small number of segments of the molecule. The dashed lines indicate possible motions
of the segments of the molecule.

1 Introduction

Thin polymer films with thicknesses of tens of nanometers are studied extensively both because they pro-
vide an ideal sample geometry for studying the effects of one-dimensional confinement on the structure,
morphology and dynamics of the polymer molecules, and because they are used extensively in technological
applications such as optical coatings, protective coatings, adhesives, barrier layers and packaging materials.

Polymer molecules can be prepared in a wide variety of different molecular architectures such as linear
molecules, ring molecules, and branched molecules. The simplest molecular architecture corresponds to
linear molecules that consist of identical monomer units connected end-to-end. In a collection of similar
molecules, a linear polymer molecule will tend to form in the shape of a random coil. The overall coil
size can be characterized statistically by the root-mean-square end-to-end distance Ree which scales as the
square root of the length of the molecule or its molecular weight Mw, and typically ranges from several
nanometers to tens of nanometers. The polymer molecule can be described by a variety of different length
scales, ranging from the size of the individual monomers to the overall size of the molecule Ree (see Fig. 1).
The corresponding time scales range from that corresponding to segmental relaxation, related to the glass
transition, to that corresponding to the diffusion of entire chains.

In this chapter, we are concerned with the motion of polymer molecules confined to thin films. We begin
by describing the basics of the motion of molecules on small length scales, which are related to the glass
transition. This will be followed by discussions of mobility of polymer molecules on different length scales,
and the effects of confinement on molecular motion on different length scales. The remainder of the chapter
contains a detailed discussion of the experimental and theoretical studies of the dynamics of thin polymer
films. General trends in the data are highlighted and outstanding issues are discussed.

1.1 The Glass Transition

In the simplest picture, the glass transition describes the transition from a rubber-like liquid to a glassy or
amorphous solid as a material is cooled. The glass transition will occur upon cooling for almost any material,
from organic liquids to metals to polymers, for a sufficiently fast cooling rate. To measure the glass transition
temperature Tg, it is convenient to measure the volume or heat capacity as a function of temperature (see
Fig. 2). Typically, one observes an abrupt change in the slope of the temperature dependence of the volume at
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Figure 2: Volume V versus temperature T for a glass-forming material for two different
cooling rates. Glass 1 has been cooled faster, resulting in a higher Tg value than that
observed for the more slowly cooled glass 2.

a certain temperature which is identified as Tg . One also finds that the glass transition temperature measured
in such an experiment depends on the cooling or heating rate (see Fig. 2), as well as on the thermal history
of the sample. A sample which is cooled faster falls out of equilibrium at a higher temperature, resulting in
a Tg value that is higher than that observed for a slower cooling rate.

Because of the dependence of Tg on time, the glass transition is not a true thermodynamic phase transi-
tion, but rather it is a kinetic transition in which the motion of the molecules is slowed so dramatically upon
cooling that, at sufficiently low temperatures, no appreciable motion of the molecules can occur. The slowing
of the dynamics upon cooling can be observed directly by a dramatic increase in the viscosity of the liquid.
For example, the viscosity of o-terphenyl, a simple glass-former, increases by nine orders of magnitude in
the 30◦C temperature range above Tg [1]. Unlike the large structural changes observed during the formation
of a crystal upon cooling, only very subtle structural changes are observed during the formation of a glass,
with the structure of the high temperature liquid effectively frozen in with rapid cooling.

We can understand the frequency (or time) dependence of the measured Tg values if we consider structural
relaxation of the material near Tg . If we consider a simplified material that has a single characteristic
relaxation time τ at a given temperature, then for short times or correspondingly high frequencies, no
significant structural relaxation can occur during the experiment so that the material appears to be solid-
like. For times that are much longer than τ or correspondingly low frequencies, the material fully relaxes
during the experiment so that the material appears to be liquid-like. If τ increases strongly with decreasing
temperature, then below a certain temperature, relaxation for that mobility mode is effectively frozen. For
a glass-forming material, physical quantities such as volume or index of refraction will relax in response to a
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Figure 3: Relaxation function φ versus t/τ for an idealized glass-forming material
characterized by a single relaxation time τ . The solid line corresponds to β = 0.5
(stretched exponential) and the dashed line corresponds to β = 1.

change in an experimental parameter such as temperature. At a given temperature, the relaxation function
φ(t) can be described by a so-called stretched exponential (Kohlrausch-Williams-Watt or KWW) function:

φ(t) ∼ exp[−(t/τ )β]. (1)

The relaxation function is shown schematically as a plot of φ versus t/τ in Fig. 3 for two different values of β.
For β = 1, the decay is a single exponential; for β < 1, which is typical for glass-forming materials, the decay
is nonexponential and is “stretched” in time compared with the exponential decay. The nonexponential
behaviour has two possible explanations: either the sample is homogeneous, with each molecule obeying
the same nonexponential relaxation; or the sample is dynamically heterogeneous, consisting of regions with
different dynamics, each obeying nearly exponential relaxation, with different regions having significantly
different relaxation times. For a recent review summarizing the experimental evidence supporting dynamic
heterogeneity, see Ref. [2].

As mentioned above, cooling of a glass-forming liquid makes it progressively more difficult for the
molecules to move significantly on the experimental time scale. This dramatic slowing of the dynamics
is difficult to understand theoretically [2, 3]. There have been a number of different theoretical approaches
to attempt to understand the glass transition, including free volume, cooperative motion and mode coupling
theories. Despite these impressive efforts, no complete theory of the glass transition exists today; for a recent
discussion of the relevant issues, see Refs. [3, 4]. However, there are two simple concepts that have been
useful in trying to explain the dramatic reduction in molecular mobility with decreasing temperature. The
basic ideas of the free volume and cooperative motion theories are quite simple. The motion of individual
particles in a glass-forming material requires sufficient free volume into which the particles can move. As
the temperature is decreased, the density increases and it becomes increasingly difficult for a particle to find
sufficient free volume for motion to occur on a reasonable time scale [5]. One way to achieve motion at low
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temperatures is to allow a cooperative rearrangement of neighbouring particles such that many particles must
move together if any motion is to occur at all. Adam and Gibbs postulated the existence of cooperatively
rearranging regions or CRRs as the smallest regions at a given temperature that can rearrange independent
of neighbouring regions [6]. In their theory, the size of the CRRs was inversely related to the configurational
entropy of the system, such that the CRR size increased with decreasing temperature. Experiments indicate
that the size of these regions is several nanometers [7, 8]. Although the CRRs were originally envisioned
as spherical volumes of diameter ξ, recent computer simulations have shown that the cooperative motion is
essentially string-like [9], with the average string length increasing with decreasing temperature. A shortcom-
ing of the Adam-Gibbs approach is the assumption of no interaction between neighbouring regions. Because
the string-like shape is less compact than the spherical shape, interaction between neighbouring regions will
be more significant and this could have a distinctive signature for the effect of confinement on the dynamic
properties of glass-forming liquids.

1.2 Motion of Polymer Molecules on Different Length Scales in Bulk Samples

For polymer molecules, motion can occur on a variety of length scales, from the relaxation of molecular
segments, as discussed in the previous section, to diffusion of entire chains. There will be a range of
characteristic times at a given temperature corresponding to motion at different length scales, with longer
times characterizing motion on larger length scales. If one cools a sample at a certain rate, the mobility
modes corresponding to longer relaxation times will freeze out before the mobility modes corresponding
to shorter relaxation times. Despite the large difference in the length scale and character of the different
motions of a molecule, the temperature dependence of the viscosity, characterizing whole chain diffusion, is
typically very similar to that for the characteristic times corresponding to the glass transition (α-relaxation).
Specifically, the temperature dependence of the viscosity and the α-relaxation times is well-described by a
Vogel-Fulcher function of the form

A exp[TA/(T − T0)] (2)

with similar values of TA and T0. In Eq. 2, TA is an “activation temperature”, T0 is the temperature at
which the exponential factor diverges to infinity (typically Tg − 50 K for polymers), and A is a temperature-
independent prefactor. The similarity of the temperature dependence of dynamic processes that occur
on different length scales is a phenomenon known as thermorheological simplicity, and it is the basis for
time-temperature superposition which is used extensively in the study of the mechanical properties of bulk
polymers [10, 11]. A schematic diagram of the time dependence of the compliance J(t) of a bulk linear
polymer is shown for two temperatures in Fig. 4 (for a detailed description of J(t), see e.g. Ref. [10]). The
J(t) curve contains regions corresponding to the glass transition (B) and terminal flow or chain diffusion
(D) that are separated in time because of the presence of the rubber plateau (C) for high molecular weight
polymers. Time-temperature superposition means that a change in temperature produces equal shifts in time
for the different regions of the J(t) curve. In practice, because the J(t) curve spans many orders of magnitude
in time, the complete curve is typically obtained by performing measurements over a limited range of times
at different temperatures and shifting the different curves in time using the principle of time-temperature
superposition. Although there are deviations from thermorheological simplicity for most polymers, the
deviations are typically small and the principle of time-temperature superposition holds reasonably well [12].
It has been suggested that the origin of the similar temperature dependence for motion of polymer molecules
at different length scales is related to a property of the individual segments, e.g. segmental frictional force [10].

1.3 Effects of Confinement on Motion of Polymer Molecules

The idea of observing changes to the dynamics of molecules by confining them to dimensions comparable
to that over which motion occurs is appealing. For example, the possible existence of the cooperativity
length scale in the Adam-Gibbs theory allows for the possibility of observing so-called finite size effects in
which the size of the sample becomes comparable to the cooperativity length scale as the temperature is
varied. Will the mobility of the molecules increase or decrease upon confinement? Imagine a collection of
molecules confined to a channel with a diameter d which is on the nanometer length scale. Upon cooling,
the cooperativity length scale can become larger than the diameter of the channel. Based on the Adam-
Gibbs model, the effect of confinement is to decrease the entropy which should lead to a slowing down of
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Figure 4: Compliance J versus time t for a bulk linear polymer. Various regions of
the compliance curve are labelled. A: glassy plateau; B: glass-rubber transition; C:
rubber plateau; and D: terminal flow region. The reptation time τr for the solid curve
is indicated by the vertical dashed line.

the dynamics and an increase in Tg. However, the nature of the bounding surface will have a large effect.
If there is a large attractive interaction between the molecules and the bounding surface, the mobility will
decrease, whereas if the molecules at the bounding surface can move more freely, as is the case of a free or
neutral surface, then the overall mobility will increase.

The effect of confinement on molecular mobility has focused either on measurements of simple liquids
confined in rather complicated geometries such as porous glasses or measurements of more complex molecules
such as polymers confined in simple confining geometries such as thin films. Each type of study can contribute
to the overall understanding of the effects of confinement on molecular mobility, but, as will become clear in
the discussion below, the results have to be examined carefully to reconcile the measurements with existing
and new theories and to resolve apparent contradictions between different measurements on the same and
different molecular systems. The picture that emerges is quite coherent, albeit with several surprises and
unexplained results.

Finite size effects on Tg were first observed by Jackson and McKenna for simple liquids confined within
porous glasses, which had pore diameters on the nanometer scale [13]. They used differential scanning
calorimetry (DSC) to measure Tg in these systems. Contrary to their initial expectations based on the
Adam-Gibbs theory, they observed reductions in Tg , indicating an increase in mobility, as the pore size was
decreased. This original work of Jackson and McKenna has led to extensive experimental and theoretical
studies of the effects of confinement on the glass transition using a variety of different sample geometries and
different molecules (see, for example, Ref. [14]).

By confining polymer molecules to dimensions that are comparable to the different length scales charac-
terizing the molecules, the motion of the molecules can be significantly different than in bulk. Considerable
evidence has been obtained that the glass transition temperature Tg of thin polymer films can be substantially
different from that in bulk (see, for example, Refs. [15, 16, 17]). The effect of confinement on the segmental
motion of polymers has been studied using a variety of experimental geometries: interfaces in semicrystalline
polymers [18], polymer solutions in porous glasses [19], polymers intercalated into the 2 nm gaps of layered
compounds [20], polymer spheres with diameters of tens of nanometers [21], and thin polymer films. We
will focus on results obtained for polymer molecules confined to thin films. The simple thin film geometry
is appealing since it is straightforward to control the interactions at the free surface and film-substrate in-
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terface, and it is possible to produce films of uniform thickness, and therefore uniform confinement, which
can be varied continuously from nanometers to micrometers. In this way, it is possible to probe both chain
confinement effects, in which the film thickness is comparable to the overall size of the molecule, as well as
finite size effects.

In contrast to the confinement-induced changes in Tg, it has been found that whole chain motion in
thin polymer films is not substantially different from that in bulk, as discussed below. The reconciliation of
confinement-induced changes to the segmental mobility with no corresponding changes to whole chain diffu-
sion requires the introduction of concepts that are particular to confined systems, such as spatial gradients in
molecular mobility near a free surface or interface, or the invalidity of bulk concepts such as time-temperature
superposition. In this chapter, we will review recent experimental, theoretical and computational studies of
the effects on the mobility of polymer molecules of confinement to thin films. It is our hope that this critical
discussion of the studies to date will lead to a greater understanding of this complex problem.

2 Experimental studies

To probe the molecular mobility in thin polymer films, it is necessary to use a technique that has high
sensitivity, because of the small sample volume, or surface sensitivity, which is advantageous because of
the large surface-to-volume ratio in thin films. In general, traditional techniques used to probe the glass
transition and chain diffusion in bulk samples, e.g. differential scanning calorimetry and neutron scattering,
do not have sufficient sensitivity. It is possible to prepare and measure stacks of identical films using bulk
techniques [22], but the requirements for sample preparation are very demanding. Instead, new techniques
have been developed and existing techniques have been used and adapted to obtain measures of the molecular
mobility on different length scales in thin polymer films and at free surfaces of polymers.

2.1 Glass transition in thin polymer films

2.1.1 Supported films

The first systematic study of the dependence of the glass transition temperature Tg on film thickness in thin
polymer films was performed by Keddie et al. using ellipsometry [23]. In the ellipsometry experiment, the
measured change in polarization of light upon reflection from or transmission through the polymer film is used
to obtain the thickness h and index of refraction n of the film. To measure the glass transition temperature,
the film thickness is measured as a function of temperature, and the temperature corresponding to the near
discontinuous change in the thermal expansion (see Fig. 2) is identified as Tg. Keddie et al. prepared a series
of polystyrene (PS) films on the native oxide layer of silicon wafers with film thicknesses 10 nm < h < 200 nm
and molecular weights 120× 103 < Mw < 2900× 103. They measured reductions in Tg for h < 40 nm, with
quantitatively similar results for all Mw values. The data were fitted to an empirical function based on the
assumption of the existence of a liquid-like layer at the free surface of the film:

Tg(h) = T bulk
g

[
1 −

(α

h

)δ
]

, (3)

where α = 3.2 nm and δ = 1.8. A compilation of results obtained for PS films on a variety of substrates using
numerous experimental techniques such as ellipsometry [23, 24, 25, 26, 27], dielectric spectroscopy [28, 29],
x-ray reflectivity [30], positron annihilation lifetime spectroscopy (PALS) [31], local thermal analysis [32]
and probe fluorescence intensity [33, 34, 35] is shown in Fig. 5. The trend in the data shown in Fig. 5 is
clear: there is a decrease in Tg with decreasing film thickness for all of the data, with good quantitative
agreement between data obtained using the different techniques. Since similar results are obtained for PS
films on different substrates, one can conclude that the PS films interact only weakly with the underlying
substrates. This is not always the case. The importance of the effect of the polymer-substrate interaction on
the measured Tg value was first observed for the case of poly (methyl methacrylate) (PMMA) films on Au
surfaces and the native silicon oxide layer of silicon wafers. Tg decreased with decreasing film thickness for
PMMA films on Au, but a modest increase in Tg was observed with decreasing film thickness for PMMA films
on silicon oxide [36]. Subsequently, evidence for a strongly attractive interaction between the polymer and
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Figure 5: Glass transition temperature Tg as a function of film thickness h measured for
polystyrene (PS) of different molecular weights Mw supported on a variety of substrates
using six different techniques: ellipsometry [23, 24, 25, 26, 27], dielectric relaxation [29],
x-ray reflectivity [30], positron annihilation lifetime spectroscopy (PALS) [31], fluores-
cence intensity [35], and local thermal analysis [32]. Note: The data from Refs. [24, 29]
have been shifted in temperature by +3◦C so that the bulk Tg values match for all
datasets.

underlying substrate was observed in x-ray reflectivity measurements of poly-(2)-vinylpyridine on a silicon
oxide layer on silicon as an increase in Tg with decreasing thickness [37].

As can be seen from the data presented in Fig. 5, there are several different experimental techniques that
have been used to measure Tg in supported thin polymer films. All of these techniques probe the material
properties averaged across the thickness of the film, yielding an average Tg value for the film. However, it
is important to determine whether each of these techniques measures the same physical quantity, e.g. is the
Tg value measured by ellipsometry and dielectric relaxation (DR) the same physical quantity? Recent DR
measurements of isotactic PMMA sandwiched between Al electrodes [38] and ellipsometry measurements of
isotactic PMMA on Al substrates [39] show at least qualitative agreement between the Tg values determined
using both techniques. Such comparisons are important for a proper discussion of Tg results obtained using
different experimental techniques.

The determination of Tg becomes more difficult as the film thickness is decreased for several reasons: (1)
there is a reduction in signal strength because less material is being probed in the experiment; (2) there is
a reduction in the contrast between the slopes characterizing the glass and melt regions; and (3) there is
a broadening of the transition [27]. Items (2) and (3) have been shown to be consistent with the presence
of a thin liquid-like layer at the free surface [27]. Despite these effects which make the determination of Tg

difficult, Tg values have been obtained for films with thicknesses as small as 6 nm (see Fig. 5).
The presence of the film surfaces creates environments for the polymer segments in contact with the

surface that differ from that of segments within the film. In particular, it is reasonable to expect that
segments in contact with a free surface are more mobile. Most theoretical models that have been proposed
to explain Tg reductions in very thin polymer films begin with this premise and account for variations in
segmental mobility across the film thickness as well as novel mechanisms by which the enhanced mobility
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near the free surface can be transferred deeper into the film [40].
Recently, it has been suggested that attention should be focused on measurements of the distribution of Tg

values across the thickness of the film [40, 41], rather than measurements of the average Tg value. In response
to this suggestion, Ellison and Torkelson have applied the probe fluorescence technique [33, 34] to multilayer
films incorporating thin layers which contain small quantities of fluorescent probes (either probe molecules
or probe-labeled polymer molecules) [35]. The authors have verified that the temperature dependence of the
fluorescence intensity provided a measure of the temperature dependence of the density and therefore the
Tg value of the film, and that there is not substantial segregation of the probe molecules to one or both film
surfaces. By using the multilayer geometry and varying the position of the fluorescently-tagged layer within
the film, the authors were able to obtain the distribution of Tg values across the thickness of the film. They
found a decrease in Tg near a free surface which extends several tens of nanometers into the film [35]. This
large length scale for the effect of the free surface on Tg is considerably larger than that inferred from other
measurements on polymer films [27, 42] and for other systems using other techniques (see below) which have
been interpreted in terms of models with layers of different mobility based on measurements of average Tg

values. In addition, Ellison and Torkelson have shown that the magnitude of the reduction in Tg at the free
surface can also depend on the overall thickness of the film for films with thicknesses less than the spatial
extent of the enhanced mobility at a free surface.

Several studies have focused on measuring the distribution of α-relaxation times in thin polymer films, us-
ing the techniques of second harmonic generation (SHG) [43] and dielectric relaxation (DR) spectroscopy [28,
29, 38, 44, 45, 46]. These studies have allowed a detailed determination of the α-relaxation time distribution in
the films. The SHG experiments, performed on a copolymer of isobutyl methacrylate and dye-functionalized
methacrylate monomer, revealed no change in the average α-relaxation time with decreasing film thick-
ness, with a corresponding broadening of the α-relaxation time distribution with decreasing film thickness.
However, the interaction between the large amounts of dye labels and the substrate may have caused the
invariance of the average α-relaxation time with film thickness [34]. DR spectroscopy was used by Fukao
to study thin films of PS, poly(vinyl acetate) and atactic PMMA [28, 29, 44]. For the PS films, the glass
transition temperature was identified as the discontinuous change in the temperature dependence of the
capacitance which is determined by the thermal expansion of the polymer film [28]. Tg values determined in
this manner decreased with decreasing film thickness in agreement with the results of other techniques (see
Fig. 5). The average α-relaxation temperature Tα was observed to decrease with decreasing film thickness
but only below a threshold film thickness value that was small compared with film thicknesses for which
Tg reductions were observed using other techniques. In addition, the width of the α-relaxation peak ∆Tα

was observed to broaden with decreasing film thickness. Subsequent DR measurements of isotactic PMMA
(i-PMMA), which has a large dielectric α-relaxation signal, revealed a decrease in Tg with decreasing film
thickness, together with a broadening of the relaxation time distribution and a reduction in the dielectric
strength for the α-relaxation process [38]. In this study, the temperature dependence of the relaxation time
corresponding to the maximum in the α-relaxation loss peak was fitted to Eq. 2 and Tg was identified as the
temperature at which the relaxation time was equal to 100 s. The multilayer film geometry has also been
used recently in dielectric relaxation studies of polymer trilayer films consisting of a dielectrically active layer
(i-PMMA) sandwiched between two layers of a different polymer (PS) [46]. Tg values for the i-PMMA layers
were determined by applying an activation energy fine-structure analysis [47] to the dielectric data. A slight
increase in Tg with decreasing i-PMMA film thickness was observed, which is qualitatively different from
the decrease in Tg with decreasing film thickness observed for the same i-PMMA films in contact with the
metallic electrodes. Dielectric relaxation measurements of i-PMMA films with one free surface have shown
that the α-process measured at 1 kHz was the same with and without the electrode in contact with the top
surface of the polymer film for film thicknesses down to 7 nm [39]. This result is consistent with previous
studies that have shown that the presence of thin capping layers on polymer films have no measurable effect
on the Tg(h) dynamics [24].

2.1.2 Freely-standing films

The experimental data obtained for polymer films supported on substrates indicate that the presence of the
free surface tends to decrease Tg, whereas the presence of the underlying substrate can tend to increase Tg.
The Tg value measured for a particular polymer-substrate combination will depend on which film interface
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Figure 6: Glass transition temperature Tg as a function of film thickness h for freely-
standing polystyrene films of different molecular weights. High Mw data, measured
using ellipsometry, are displayed using a different symbol for each Mw value [51], and
data for Mw < 350 × 103, measured using Brillouin light scattering, are indicated by
the thick solid line [50]. The dashed lines for h < 60 nm represent the spread and
uncertainty in the Tg data obtained for supported PS films (see Fig. 5). The small
circle indicates the common intersection point (h∗, T ∗

g ) of the straight line fits to the
reduced Tg data for the high Mw films.

dominates. To clarify the role of the free surface on the measured Tg value, the underlying substrate was
removed and freely-standing polymer films, with air-polymer interfaces on both sides of the film, were
studied [24, 48, 49, 50, 51, 52]. Data points obtained using transmission ellipsometry for freely-standing
films of narrow distribution PS for different Mw values within the range 575 × 103 < Mw < 9100 × 103

are indicated with symbols in Fig. 6 [51]. The Tg values obtained using transmission ellipsometry are the
same to within experimental uncertainty as the Tg values measured using Brillouin light scattering (BLS)
in the original measurements of freely-standing PS films [24, 48]. This is particularly significant since the
two techniques measure different physical properties of the films: BLS measures the light scattering from
the rippling of the film surfaces due to thermally-excited, film-guided acoustic phonons and is insensitive to
film thickness, whereas the ellipsometry signal is determined by multiple reflections of light from the two
film surfaces and yields a measure of the film thickness [53]. Because the BLS signal is determined by the
surface ripple, the signal strength does not decrease with decreasing film thickness, unlike all of the other
experimental techniques that have been used to probe the glass transition in freely-standing polymer films.

The most striking feature of the data presented in Fig. 6 is that the Tg reductions are much larger for
freely-standing films than they are for supported films. The data obtained for each Mw value has the same
qualitative dependence on film thickness h: a constant Tg value equal to that in bulk for sufficiently thick
films, and a linear reduction in Tg with h for h less than a threshold film thickness value h0. This dependence
of Tg on h can be interpreted as the interplay between two types of mobility: the bulk mechanism which
dominates for sufficiently thick films, and a new mode of mobility which becomes more efficient than the

10



Figure 7: Scaling plot of all of the reduced Tg values for all molecular weights and film
thicknesses for the data shown in Fig. 6.

bulk mechanism for sufficiently thin films, resulting in reduced Tg values [40]. de Gennes has suggested a
mechanism for propagating the mobility of the near-surface segments to depths comparable to the overall
size of the polymer molecules, which could give rise to Tg reductions over length scales comparable to the
overall size of the polymer molecules [40].

For the Tg(h) data in Fig. 6, there is also a systematic dependence on Mw: an increase in the slope of
Tg versus h and the threshold film thickness value h0 with increasing Mw. The dependence of the Tg(h)
data on Mw, or equivalently the overall size of the molecules, is unexpected because the glass transition is
associated with motion on a much smaller, segmental length scale and also because the Tg(h) data obtained
for supported polymer films show no measurable dependence on Mw [23, 26]. This so-called chain confinement
effect, in which deviations from bulk behaviour are dependent on the overall size of the polymer molecules,
is unique to high Mw freely-standing PS films. The freely-standing PS film data is even more remarkable
if one fits the film thickness dependence of the reduced Tg data for each Mw value and extrapolates the
straight line fits to larger temperature: all six of the straight lines, one for each Mw value, intersect at a
single point (h*, Tg*) [51, 54]. The existence of the intersection point means that, by empirically accounting
for the Mw-dependence, all of the reduced Tg values in Fig. 6 can be replotted as a universal scaling plot,
as shown in Fig. 7. The collapse of all of the data onto a single line is remarkable. However, the physical
significance of the intersection point is not yet understood. To determine if the remarkable scaling behaviour
shown in Fig. 6 is specific to PS or is more general, measurements have begun on freely-standing films of
another polymer, poly (methyl methacrylate) (PMMA). Tg measurements on freely-standing films of atactic
PMMA (a-PMMA) of a single Mw value have been reported [52]. A comparison of the Tg(h) data obtained
for freely-standing PS and a-PMMA films of nearly equivalent Mw values is shown in Fig. 8. The same
qualitative dependence of Tg on h is observed for both data sets, but the magnitude of the Tg reductions at
a given film thickness below the threshold film thickness value is substantially less for the a-PMMA films
than for the PS films. This indicates that theoretical models which are proposed to explain Tg reductions in
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Figure 8: Comparison of Tg(h) results for freely-standing PS films (solid triangles:
ellipsometry [51]; open triangles: Brillouin light scattering [24]) and PMMA films (solid
circles: ellipsometry [52]) of nearly equivalent molecular weights: Mw = 767 × 103 for
PS and Mw = 790 × 103 for a-PMMA.

freely-standing polymer films will need to account for polymer-specific properties, e.g. chemical structure or
steric hindrance.

Measurements performed on films with Mw < 350 × 103 (low Mw) have revealed Tg reductions with
decreasing film thickness that are comparable in absolute terms to those observed with larger Mw values,
but there is no significant Mw-dependence of the Tg(h) behaviour for the low Mw films (see the solid curve in
Fig. 6) [50]. The lack of Mw-dependence of the Tg reductions observed for the low Mw values is reminiscent
of the behaviour observed for supported polymer films. In fact, the Tg reductions for low Mw freely-standing
polymer films are essentially twice as large as those observed for supported polymer films, suggesting that
the magnitude of the Tg reduction scales with the number of free surfaces [42]. The low Mw freely-standing
polymer film experimental results have been interpreted in terms of a three layer model in which the layers at
the free surfaces are assumed to be more mobile, and the results are consistent with free surface layers which
have temperature dependent thicknesses that scale with temperature in the same manner as the cooperativity
length scale [42].

There are several intriguing aspects to the Tg data obtained for freely-standing polymer films. First,
the existence of the common intersection point on the plot of Tg versus h for films with different, large
Mw values (see Fig. 6) is striking, but its significance is not yet known. Second, the crossover between a
Mw-dependence for high Mw films, indicative of chain confinement effects, and a lack of Mw-dependence for
low Mw films is not understood. Third, the glass transition observed with both BLS and ellipsometry is very
sharp (only several ◦C) for all film thicknesses, whereas one would expect that the existence of more mobile
surface layers would produce a broadening of the transition for very thin films. All of these aspects of the
freely-standing polymer film Tg results are intriguing and deserve more careful study.

Recently, Tg measurements have been performed using differential scanning calorimetry (DSC) of aqueous
suspensions of PS spheres with diameters of tens of nanometers [21]. It is reasonable to compare these
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results with those obtained for freely-standing polymer films because the spheres in aqueous suspension in
the absence of aggregation are in contact only with water and therefore are essentially unsupported. By
placing many spheres in the suspension, while taking care to avoid aggregation, it was possible to obtain
sufficient signal using differential scanning calorimetry (DSC), a technique that is commonly used to measure
Tg in bulk samples. In this study, the jump in the specific heat associated with the transition was observed
to decrease with decreasing sphere diameter, and these results were interpreted in terms of a central core
with bulk dynamics and an outer shell of 4 nm thickness with faster dynamics. The measured Tg values were
not substantially less than the bulk value, in contrast to the large Tg reductions obtained for freely-standing
PS films. In comparing the results of this study with those obtained for freely-standing films, it is important
to note two important differences: (1) The PS spheres were produced by microemulsion polymerization in
the presence of small quantities of surfactant molecules (to stabilize the spheres in suspension) and therefore
have larger polydispersity, different surface character and less chain orientation than for spincoated PS freely-
standing films; (2) The nature of the confinement is different and this has implications for the equilibration
of the samples. Obviously, there is a qualitative difference in the confinement of the polymer molecules:
within the spheres, the polymer molecules are confined in three dimensions, instead of the one-dimensional
confinement produced in very thin polymer films. The sphere geometry is appealing since it is an equilibrium
shape that minimizes the surface-area-to-volume ratio. This allows the spheres to be heated above the bulk
Tg value without the instabilities that are inherent to thin polymer films (see below).

There have been only preliminary attempts to measure the relaxation dynamics of freely-standing PS
films [22, 55]. A photon correlation spectroscopy (PCS) study revealed a dramatic increase in the relaxation
within a 22 nm thick PS film as the temperature was increased modestly in a small range around room
temperature, corresponding to temperatures comparable to the Tg value measured using BLS [55]. The PCS
data were well described by a stretched exponential function (Eq. 1) with a β value that was indistinguish-
able from that in bulk PS. Inelastic neutron scattering measurements have been performed on stacks of a
large number of identical freely-standing PS films with a total film thickness of approximately 7.5 µm [22].
Although these measurements were at the edge of feasibility, a small but measurable enhancement of the
mean-square-displacements, and therefore faster dynamics, was observed for a sample consisting of a stack
of 140 films, each of 55 nm thickness.

2.2 Whole chain motion in thin polymer films

The first indication of enhanced mobility in thin polymer films was inferred from optical microscopy studies
by Reiter of the breakup or dewetting of thin polymer films at temperatures less than the bulk value of
Tg [56]. These measurements necessarily involve motion of entire polymer molecules due to the formation
and growth of holes in the films. Subsequent measurements of whole chain mobility in thin polymer films have
focused on diffusion using fluorescently tagged probe and polymer molecules, diffusion at interfaces between
two films, and detailed studies of dewetting and hole formation and growth in thin polymer films. Using
these techniques, information has been obtained about whole chain motion both parallel and perpendicular
to the plane of the film.

2.2.1 Diffusion in thin polymer films

The first measurements of in-plane chain diffusion were carried out using fluorescence recovery after patterned
photobleaching (FRAPP) using fluorescently-labelled PS molecules [57]. They found that the in-plane chain
diffusion in thin films was substantially slower for film thicknesses as large as 150 nm compared with that
measured for very thick films. In subsequent FRAP measurements of in-plane diffusion of rubrene dye
molecules in thin PS films at different temperatures, an increase in mobility was observed with decreasing
film thickness, but evidence for probe segregation to the film surfaces was also obtained [58]. Although the
average concentration of dye molecules in the films is low (0.6% to 3% by mass), segregation of the dye
molecules to the free surface results in much larger concentrations which could artificially enhance the chain
mobility by plasticizing the material in the near-surface region.

There have been considerably more studies of diffusion perpendicular to the plane of the film. Flu-
orescence non-radiative energy transfer (NRET) measurements of films containing layers of acceptor and
donor molecules have been performed to measure diffusion perpendicular to the plane of the film, and these
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measurements have revealed a decrease in the diffusion coefficient for films less than 150 nm thick [59]. Dy-
namic secondary ion mass spectrometry (SIMS) has been used by Rafailovich and coworkers to measure the
diffusion perpendicular to the film plane on a variety of different multilayer film geometries incorporating
thin layers of deuterated PS (dPS) and layers of hydrogenated PS (hPS) [60, 61], and for freely-standing
PS films incorporating short dPS chains as probe molecules [62]. The dynamic SIMS measurements have
revealed that the diffusion coefficient is either reduced from the bulk value over substantial distances from
the substrate and the free surface [60, 61], or indistinguishable from that in bulk for freely-standing PS films
incorporating probe molecules [62]. Neutron reflectometry was used to measure diffusion perpendicular to
the film plane for the interface in dPS/hPS bilayer films [63], and it was found that the diffusion coefficient
in thin films was unchanged from that in bulk, except for a slight decrease in the diffusion coefficient with
the interface placed near the substrate. Kawaguchi et al. have recently used dynamic SIMS and neutron
reflectometry to study the interdiffusion of the interface in hPS/dPS bilayer films [64]. They observed in-
terface broadening at temperatures below T bulk

g , indicating that there was some enhancement of mobility at
the interface compared with the bulk. Boiko and Prud’homme have used lap-shear strength measurements
on PS/PS interfaces which indicate that there is some interdiffusion at temperatures below T bulk

g [65].
How can we reconcile the measurements of diffusion coefficients in thin polymer films, which in general

show either a decrease or no change with respect to the bulk, with the observation of reduced Tg , which
implies enhanced segmental mobility, in similar films? What about comparisons between the diffusion
coefficient results for thin polymer films and those obtained from computer simulations of confined polymer
molecules, which show increased diffusion parallel to the film plane and decreased diffusion perpendicular to
the film plane, as described in detail below? To make meaningful comparisons, it is important to measure
the temperature dependence of the mobility at different length scales. In particular, it is important to ask
whether or not time-temperature superposition holds for the two types of motion, i.e. can the temperature
dependence of the mobility at the different length scales be described by Eq. 2 using the same values of TA

and T0, as it does (to a reasonable approximation) in bulk. Comparisons made at a single temperature could
give differences that are due to a thickness dependence of the prefactor A in Eq. 2 instead of a difference
in the temperature-dependent factor [15]. To properly compare the mobility at different length scales, it is
important to measure the temperature dependence and to compare the values of T0. Despite the importance
of measuring the temperature dependence of the diffusion in thin polymer films, only very few studies to
date have provided this information. Clearly, more effort in this area is required to make a proper evaluation
of the dynamics at different length scales.

2.2.2 Dewetting and hole growth

Whole chain motion in thin polymer films can also be probed by exploiting instabilities that are inherent to
thin films. Thin polymer films can be susceptible to the formation of holes when heated to temperatures that
are comparable to or greater than the bulk glass transition temperature T bulk

g . Obviously, if holes form and
grow in the films, entire polymer molecules must move. This motion occurs initially perpendicular to the
film plane, for the hole to form across the entire film thickness, and then is predominantly in the plane of the
film, as the hole grows. In the absence of external fields, the instability can be driven by the van der Waals
or dispersion interaction which can be substantial for film thicknesses h < 100 nm [66]. For films supported
on substrates, it is possible for the dispersion interaction between the two film surfaces to be attractive
such that the film of uniform thickness breaks up into droplets via a process known as dewetting [67, 68],
or repulsive, which enhances the stability of the films [66]. Unsupported or freely-standing polymer films
are always unstable to the formation and growth of holes at elevated temperatures [69, 70, 71], since the
dispersion interaction is always attractive for this film geometry which is symmetric about the midplane of
the film [66]. Holes can form via two different mechanisms: they can be nucleated by external perturbations
or defects, such as dust or density inhomogeneities; or they can form spontaneously due to amplification of
long-wavelength fluctuations of the film surfaces by the attractive dispersion or van der Waals interaction
between the two film surfaces. In the case of nucleation, holes with radii R greater than a critical value Rc

grow with time, where Rc = h/2 [72]. In the case of spontaneous hole formation, holes can form in the film
due to the interplay between the dispersion and surface tension contributions to the free energy [73].

The stresses due to the dispersion interaction and surface tension which drive hole formation and growth
are large in very thin films. Therefore, the whole chain motion in hole formation and growth experiments
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can be considerably more complicated than that observed in chain diffusion experiments due to the presence
of large stresses and the importance of nonlinear viscoelastic effects. Recent studies of the dewetting of
supported PS films using scanning probe microscopy (SPM) at temperatures close to T bulk

g have suggested
that hole growth may occur, not by polymer flow, but rather by yielding or plastic deformation of the polymer
due to the very large stresses that are produced by the interactions that drive the hole growth [74, 75].
The importance of nonlinear viscoelastic effects in interpreting these experimental results has also been
considered [76, 77, 78].

Measurements of hole formation and growth in freely-standing polymer films are particularly interesting
because of the very large reductions in Tg, indicative of enhanced segmental motion, that have been observed
for these films [51]. Hole formation and growth in freely-standing films was first measured using optical
microscopy [69, 71], in which the growth of a single hole was tracked in time. The hole radius was observed to
grow exponentially with time: R(t) = R0e

t/τ , where τ is the characteristic growth time. For freely-standing
PS films [71], it was found that τ decreased with decreasing film thickness h. This result was interpreted
in terms of the bulk phenomenon of shear thinning [79] in which the film viscosity at the edge of the hole,
η = τε/h, where ε is the surface tension, decreased with increasing shear strain rate γ̇ = 2/τ , according to
a power law dependence η ∼ |γ̇|−d with d = 0.65± 0.03. We have recently developed a differential pressure
experiment (DPE) to measure the growth of holes in freely-standing PS films at temperatures above and
below T bulk

g for thicknesses that are sufficiently small such that the measured Tg values as measured using
ellipsometry are reduced from the bulk value [80]. A very small pressure difference (less than 10−4 atm) is
applied across a freely-standing polymer film, and the position of a piston is controlled to maintain a constant
pressure difference across the film. When the film is heated, holes form and grow and the piston must move
in one direction to maintain the constant pressure difference. The time dependence of the piston position
provides a signature for hole formation and growth and it can be analyzed to obtain the characteristic growth
time τ [80]. The pressure difference applied across the film does not influence the formation or growth of
the holes; it is chosen to be as small as possible while still allowing the detection of the holes.

The characteristic growth times τ measured at different temperatures using the DPE for freely-standing
PS films with Mw = 2240 × 103 and three different thicknesses are shown in Fig. 9. The Tg values of the
freely-standing PS films were 97◦C (bulk value), 66◦C and 25◦C for films with h = 91 nm, 68 nm and
51 nm, respectively [51]. Unfortunately, τ can only be obtained for a limited range of temperatures, since
measurements of the characteristic growth time τ are limited by the rapid growth of holes at temperatures
T > T bulk

g . The small shifts in temperature between the different data sets shown in Fig. 9 can be explained
in terms of the bulk phenomenon of shear thinning [71, 80]. The main result of this study is that substantial
hole growth occurs only for temperatures that are comparable to T bulk

g , which for very thin films can be
considerably higher than the reduced Tg values. Thus, the DPE results indicate that despite considerable
mobility present on a segmental length scale in these films, hole growth and corresponding whole chain
motion does not occur until temperatures close to the bulk value of Tg are reached.

2.3 Mobility at Surfaces

The large reductions observed in the glass transition temperature in freely-standing and supported polymer
films suggest the possibility of enhanced mobility near the free surface. Many different techniques have
been developed and used to probe the mobility of polymer molecules near a free surface. These experiments
usually measure the diffusion of chains near the free surface, instead of segmental mobility, as detailed below.

Many measurements have been performed of the response of the free surface to mechanical perturbation
using scanning probe microscopy, a variety of techniques have provided non-contact and intermittant-contact
measurements of the relaxation of a perturbed surface to infer the mobility of the polymer chains in the
near-surface region, and the embedding of small particles in the free surface upon heating has been studied.
In addition, positron annihilation lifetime spectroscopy (PALS) has been used as a nonperturbative probe
of near-surface segmental mobility.

2.3.1 Scanning probe microscopy

Scanning probe microscopy (SPM) is a powerful tool for studying the properties of surfaces of a broad
range of materials. For viscoelastic materials such as polymers, it is possible not only to measure the
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Figure 9: Characteristic growth time τ as a function of temperature T for the growth
of holes in freely-standing PS films of three different thicknesses with Mw = 2240×103

as measured using a differential pressure experiment [80].

surface topography but also the friction and adhesion properties by bringing the SPM tip into contact with
the surface and vibrating the tip either vertically or laterally. Measurements are typically performed as a
function of temperature, frequency and the load force on the SPM tip. The first studies [81, 82, 83] used
lateral tip modulation, and enhanced mobility at the free surface was observed for small molecular weights
which can be understood in terms of segregation of chain ends to the free surface [84]. Further measurements
performed using lateral modulation of the SPM tip, also called frictional force or shear modulation force
microscopy, have obtained evidence for enhanced mobility at the free surface [85, 86], as well as no change
with respect to bulk properties [87]. Adhesion measurements have also been performed between polymer
surfaces and SPM tips by performing force-distance curve measurements on the surface of polymer films;
findings of enhanced surface mobility [88, 89] and bulk-like properties [90, 91] have been reported.

Although it is relatively easy to perform SPM measurements of a free polymer surface at elevated tem-
peratures, the interpretation of these results is not straightforward for a number of reasons. The interaction
between a rigid tip and a viscoelastic surface is very complicated [92] and obtaining an accurate estimate
of the length scale over which substantial interaction between the tip and surface occurs is very difficult.
The situation is further complicated because the mobility of the polymer chains is expected to vary in the
near-surface region. The possibility exists of further complications due to the small contact area between
the tip and surface which can result in very large stresses and could lead to nonlinear viscoelastic effects
such as shear thinning [93]. It is also important to keep in mind that the results of the SPM experiments
depend on the load force and scanning velocity [94]. Finally, it has been pointed out that the inference of Tg

values from SPM measurements is difficult since the temperature at which a large tip response is obtained
is determined by the Rouse modes and not segmental relaxation [95].
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2.3.2 Relaxation of a perturbed free surface

Near-surface mobility has been measured by monitoring the smoothing of artificially roughened polymer
surfaces by surface tension at elevated temperatures. These measurements have been performed using non-
contact or intermittant contact methods. Tapping mode SPM has been used to monitor the decrease in
surface roughness of PS surfaces that have been produced by preparing the film on a roughened CaF2

surface [96]. The PS surfaces contained a broad range of roughnesses on different length scales, and the
root-mean-square roughness measured over a sample area of 2.5 × 2.5 µm2 was monitored as the samples
were heated. They found that partial smoothing of nanometer-sized surface asperities occured at temper-
atures below bulk Tg , while full relaxation of larger features did not occur until the sample was heated to
temperatures above T bulk

g [96]. It has been suggested that the relaxation at smaller length scales could occur
at lower temperatures because the increased curvature leads to higher Laplace pressures [75, 96], possibly
even resulting in plastic deformation of the surface [75]. Measurements of the relaxation of the amplitude
of sinusoidal, imprinted surface gratings (period of 600 nm, initial amplitude of 5 nm) on PS surfaces have
been performed by diffracting laser light from the grating [93, 97, 98, 99]. In these measurements, evidence
for surface relaxation below the bulk value of Tg was not obtained. The surface grating relaxation measure-
ments have the advantage of probing relaxation of a well-defined wavelength, but observation of the grating
amplitude decay by laser light diffraction is limited to wavelengths greater than several hundred nanometers.
For smaller period gratings, tapping mode SPM could be used to monitor the decay of the amplitude, as in
Ref. [96], but it is difficult to produce sinusoidal profiles with periods less than several hundred nanometers.

Rubbing of polymer surfaces with a soft cloth along one in-plane direction orients the polymer chains,
and the relaxation of the oriented chains near a free surface at elevated temperatures has been used to
obtain a measure of near-surface mobility. In the first study [100], near-edge x-ray absorption fine structure
(NEXAFS) spectroscopy was used to monitor relaxation within the first 1 nm and the first 10 nm from the free
surface, and full relaxation was not observed at temperatures below the bulk value of Tg. Recent work using
optical birefringence [101, 102] and infrared-visible sum frequency generation spectroscopy (SFG) [103] has
provided evidence for a surface layer with enhanced mobility that is 12 nm thick. By fitting the orientation
factor as a function of temperature to a KWW (stretched exponential) function (see Eq. 1) and comparing
the results for lightly rubbed and highly rubbed surfaces, they found that the activation energy was lower and
the β value was larger, indicating a narrower distribution of relaxation times, for the near-surface region [103].

In another approach, NEXAFS has been used to compare the relaxation at different depths near the free
surface of a 6 mm thick PS sample that was uniaxially elongated at room temperature and then heated to
60◦C [104]. It was found that the orientation factor of the near-surface region of 2 nm depth decayed with
a time constant that was about two-thirds that measured for the near-surface region of 200 nm depth.

It is important to keep in mind that in all of the experiments which measure the relaxation of a de-
formed polymer surface, the samples are intentionally prepared to be out of equilibrium so that they relax
in topography or orientation when heated. To obtain meaningful comparisons between the results of these
experiments and those which probe polymer mobility in flat samples that have not been purposely oriented,
researchers have been careful to quantify the initial roughness or orientation and to ensure that it is not
too large to avoid, e.g. nonlinear relaxation processes. In the studies involving the relaxation of artificially
roughened and sinusoidal grating surfaces, care was taken to equilibrate the polymer samples at high tem-
perature while in contact with the roughened surfaces. The roughened polymer surfaces were therefore closer
to equilibrium than those measured in the experiments involving rubbed surfaces and uniaxial elongation
but, even so, surface-tension-driven roughness on small length scales can lead to plastic deformation of the
polymer [75].

2.3.3 Embedding of small particles in a free surface

Surface mobility has also been studied by placing small particles on a polymer surface, and measuring
the extent to which the particles become embedded in the polymer surface upon heating. Obviously, the
deformation of the polymer surface by the particles will depend critically on the wetting behaviour of the
polymer on the particles. The penetration of small particles into the polymer surface and the adhesion of
the particles to polymer surfaces has been measured using the quartz crystal microbalance (QCM) [55, 105],
x-ray photoelectron spectroscopy [106] and intermittant-contact SPM measurements [107]. The size of the
probing particles has been varied from nanometer-sized metal spheres and clusters to micron-sized SiC
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particles. The results of experiments performed using all of these techniques indicate that embedding occurs
at temperatures below that corresponding to bulk Tg. In the case of gold nanoparticles [107], it was inferred
that a layer of enhanced mobility that is a few nanometers thick is present at the free surface of PS.

2.3.4 Segmental motion near a free surface

Positron annihilation lifetime spectroscopy (PALS) provides a near-surface probe, due to limited penetration
depth of the positron beam, which probes local mobility. By choosing a low value of the positron energy,
greater surface sensitivity is achieved, and mobility was observed to increase as the penetration depth of the
positron beam was decreased [108]. Tg was found to be dramatically reduced by 57◦C in the region within
5 nm of the free surface.

3 Computer simulations and theoretical models

In addition to the large body of experimental work studying chain mobility and the glass transition in thin
polymer films, there has also been substantial theoretical and computer simulation work on similar systems.
This work has been developed both to learn in detail about the structure and dynamics of confined glassy
liquids, as well as to explain experimental data obtained for motion on different length scales.

3.1 Computer simulations of confined polymer molecules

Ideally, one would like to perform computer simulations on collections of polymer molecules that correspond
to the experimental situation, i.e. long polymer chains confined to films at temperatures comparable to Tg,
so that meaningful comparisons could be made. However, restrictions on computing power limit these simu-
lations to collections of relatively short, unentangled chains with special computational techniques required
either to rapidly quench the samples from high temperature or to achieve relatively low temperatures at
more modest quench rates. In general, simulating the dynamics of glassy liquids is very challenging because
the time scale for motion becomes extremely slow as the temperature is lowered toward the glass transition.
As a result, there have been relatively few simulations of either confined glassy polymer films or supercooled
polymer melts, and detailed comparisons between the results that have been obtained from computer simu-
lations and those obtained from experiments are difficult. Nevertheless, the rich behaviour of the static and
dynamic properties of confined polymer chains obtained from computational studies provides considerable
insight and guidance for the experimental studies.

The computer simulations have focused on the static and dynamic properties of collections of short,
unentangled polymer chains confined between walls, and the effect of changing chain length, density, wall
separation, wall potential, wall roughness and temperature. Mansfield and Theodorou [109] used molecular
dynamics (MD) to study the static and dynamic properties of freely-standing polypropylene films at a
temperature lower than the experimental value of Tg. They achieved such low temperatures by using a special
equilibration strategy based on consecutive MD runs on different ensembles of the system. They found that
the center-of-mass mobility parallel to the walls was enhanced for chains located a distance of the order of
Ree from the free surfaces. Baschnagel and Binder [110] used Monte Carlo (MC) techniques to examine the
static and dynamic properties of a supercooled polymer melt confined between hard neutral walls. Use of
so-called “slithering snake dynamics” [111] allowed the equilibration of the polymer configurations in times
that were orders of magnitude faster than those simulated using conventional Rouse dynamics. They found
that the motion of the chain segments and the chains parallel to the wall were enhanced, and that motion
perpendicular to the walls was reduced, over a length scale that was of the order of Ree. Anisotropy in
the dynamic properties of confined molecules has also been observed in simulations performed at higher
temperatures [112, 113, 114, 115]. Recent MD simulations by Baschnagel and coworkers have focused on
several features: (1) the modeling of free surfaces using a “softer” wall potential (∼ z−9, where z is the
distance from the wall) than that within the film (∼ z−12) [116], which resulted in enhanced mean-square-
displacements, i.e. accelerated dynamics, next to the walls; and (2) the decrease with wall separation of the
mode coupling temperature Tc, instead of Tg, which depends on cooling rate, or the Vogel temperature T0

(see Eq. 2), the existence of which is postulated but cannot be derived [116, 117]. The effect of the roughness
of the walls on the dynamics was studied using MD for supercooled liquids confined to narrow pores [118].
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Rough walls produced a large increase in relaxation times close to the wall compared with relaxation times
obtained for smooth walls. A hard sphere MD technique has been used to simulate both supported and
freely-standing polymer films [119]. An apparent glass transition temperature was identified after a stepped
cooling sequence by monitoring the film thickness as a function of temperature and also by extrapolating
the temperature dependence of mobility to low temperatures. Slower dynamics in the chains next to the
walls and increased Tg values were observed for strongly attractive walls, whereas enhanced dynamics and
substantially decreased Tg values were observed for weakly attractive walls and freely-standing films.

3.2 Theories for enhanced mobility in thin films

A substantial number of theoretical models have been proposed to explain the observed changes to Tg in
thin polymer films. Comparisons between freely-standing and supported film Tg results suggest that chain
segments near a free surface have a higher mobility than in the bulk. As a result, the models focus on the
enhanced mobility at the free surface and mechanisms by which this increased mobility can be propagated
deeper into the film. In terms of explaining the large body of experimental results that has been obtained
for supported and freely-standing films, no one theoretical model is successful in explaining all of the data.
Most of the models have been developed specifically to explain the results obtained for supported polymer
films and low Mw freely-standing films, for which the Tg reductions are independent of Mw.

A simple scaling argument was proposed to suggest that the Tg value near the free surface will be lower
than the bulk value due to segregation of the chain ends to the free surface of the film [84]. This model
provides good agreement with experimental results obtained for very low Mw supported films for which the
density of chain ends is substantial [120].

In interpreting the experimental results, various groups have assumed a variation in mobility across the
thickness of the film and have modeled this using a layer model in which there is assumed to be a more
mobile layer near the free surface, and a less mobile layer near the polymer-substrate interface (for supported
films). If one assumes that the layer thicknesses are independent of temperature, this leads to a dependence
of the difference between the Tg value for the film and the bulk Tg value on the overall film thickness h given
by [Tg(h)−T bulk

g ] ∼ 1/h. This dependence is certainly not observed experimentally for freely-standing films,
and for supported films, for which the Tg reductions are much smaller than for freely-standing films, this
dependence has not been shown convincingly. Forrest and Mattsson have shown that allowing the mobile
layer at the free surface to have a thickness which increases with decreasing temperature, in the same manner
as the length scale for cooperative motion, one obtains excellent agreement between the measured Tg values
and the average values calculated using the layer model for both low Mw freely-standing films and supported
films [42].

A model has been proposed that considers the glass transition in thin polymer films obtained upon
cooling as the freezing of the polymer due to memory effects in the viscoelastic modes of the film, using
concepts from mode coupling theory [121, 122]. Quantitative agreement is achieved with Tg(h) reductions in
low molecular weight PS films with only one adjustable parameter, the Young’s modulus of the film at Tg .

Ngai has applied the “coupling model” [123, 124, 125] to the case of thin polymer films [95, 126]. For
thin polymer films, it is suggested that the presence of the surface results in orientation of the chain seg-
ments parallel to the surface with a corresponding reduction in the number of contacts between segments
(intermolecular coupling). The reduction in intermolecular coupling leads to reductions in Tg which are in
qualitative agreement with experimental results obtained for supported and freely-standing films.

A model based on the concept of percolation incorporating spatial heterogeneity has been proposed
in which the film is subdivided into regions with “fast” and “slow” mobility [127, 128]. Tg is defined as
a three-dimensional percolation of “slow” domains, and reduced values of Tg are obtained for thin films
since percolation need only occur over a limited number of layers of the domains (quasi-two-dimensional
percolation). This model gives agreement with Tg data obtained for supported polymer films.

One proposed model attributes the Tg(h) reductions observed for thin polymer films to an inhomogeneous
density profile, with the Tg(h) value of the inhomogeneous film corresponding to that of a bulk homogeneous
sample with the same average density [129]. However, it has been shown that the average density of thin
PS films is the same as the bulk density of PS to within 0.5% for freely-standing PS films which have Tg

reductions of up to 25% [49], and 1% for supported PS films [130].
One model has been developed specifically to explain the unique Mw-dependent Tg(h) behaviour observed
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for high Mw freely-standing films. Based on free volume arguments, de Gennes has proposed a new mode
of mobility (“sliding mode”) to explain Tg(h) reductions in high Mw freely-standing films [40]. As the
film thickness is decreased, more chain segments in a given chain contact the free surfaces. The segments in
contact with one of the free surfaces are assumed to be more mobile because they have fewer constraints than
those segments inside the film. Because of the chain connectivity, the new mode allows for sliding of chain
segments that link free surface segments on the same film surface (“loops”) and on different film surfaces
(“bridges”). Therefore, this model provides a mechanism by which the enhanced mobility of the segments
in contact with the free surfaces can give rise to mobility over distances that are comparable to the overall
size of the polymer molecule, and qualitative agreement is obtained with the experimental results for high
Mw freely-standing PS films. We point out that because the large Tg reductions observed for freely-standing
PS films reveal well-defined, reproducible dependences of Tg on h and Mw [51, 54], this data set provides
a good starting point for critical tests of de Gennes’ theory, as well as new theories, of chain confinement
effects in the Tg behaviour of thin polymer films.

There has also been a very interesting analytical calculation by Semenov for very thin films of long,
entangled molecules in which he finds that diffusion of chains is dramatically suppressed due to excluded
volume effects which prevent the relaxation of local changes in density due to reptation while segmental
mobility is not affected [131]. This mechanism demonstrates that motion on different length scales can be
very different indeed.

In this section, we have described many different models that have been developed to interpret the Tg(h)
behaviour observed experimentally in thin polymer films. Each approach has its successes, but there seems
to be no clear reason to choose one approach over another. This situation indicates two difficulties associated
with the study of the glass transition in thin polymer films. First of all, the glass transition in bulk samples
is not yet well-understood, so the identification of the physical mechanism or mechanisms that are important
in confined systems is not clear. Secondly, the quality and scope of the glass transition data obtained for thin
polymer films is not sufficient to allow the preference of one model over the others. Clearly, much additional
work, both experimental and theoretical, is required to resolve this issue.

4 Important Issues and Questions

The experimental, theoretical and computational studies of thin polymer films that have been performed to
date have resulted in considerable understanding of the effect of confinement on polymer mobility, but they
have also led to a number of important issues and questions. Some of these issues are directly related to
the intriguing results obtained for freely-standing films, as discussed above: (1) the existence of the common
intersection point on the plot of Tg versus h for films with different, large Mw values (see Fig. 6); (2) the
crossover between a Mw-dependence for high Mw films, indicative of chain confinement effects, and the lack
of Mw-dependence for low Mw films; (3) the sharpness of the glass transition observed with both BLS and
ellipsometry for freely-standing PS films. All of these features of the freely-standing film data deserve more
study. In addition, there are more general issues and questions related to mobility in very thin polymer films
that impact many of the studies discussed above.

4.1 Mobility on different length scales

Much experimental evidence for the reduction of Tg with decreasing film thickness has been obtained from
a variety of studies. In contrast, studies that have focused on measurements of the movement of entire
polymer chains have found no measurable enhancement of the chain mobility, and even a decrease in the
chain mobility, in very thin polymer films. This difference in the mobility on different length scales is most
dramatic in the case of freely-standing films for which very thin films show reductions in Tg of tens of
degrees but no substantial hole formation is observed upon heating until temperatures comparable to the
bulk value of Tg are reached [80]. We can suggest several ways in which this apparent contradiction between
the results of these two measurements can be resolved. Since the formation of a hole requires the motion
of chains across the entire thickness of the film, the dramatic difference between Tg and the temperature
at which substantial hole formation and growth occurs upon heating of the films may indicate a variation
in mobility across the thickness of the film, with the more mobile segments near the free surface. This
is certainly consistent with the existence of a more mobile layer at the free surface of the film inferred
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from other experiments. The apparent contradiction could also be explained by large differences in the
polymer mobility parallel and perpendicular to the film. Formation of a hole requires motion of entire chains
perpendicular to the plane of the film, whereas segmental motion could be enhanced parallel to the plane of
the film. This anisotropy in mobility is qualitatively consistent with that observed in computer simulations.
The apparent contradiction between the Tg and hole formation data for freely-standing PS films could also
be an indication of the decoupling of segmental and chain motion in very thin polymer films, as for the
mechanism proposed by Semenov [131]. The decoupling of segmental and chain motions in thin polymer
films has implications for time-temperature superposition according to Eq. 2, which is found to hold rather
well in bulk. However, in thin films, the temperature dependence of the two types of motion might not be
the same. This might occur because motions greater than some length scale comparable to the overall size of
the molecule are suppressed at temperatures comparable to Tg in very thin polymer films, which is consistent
with the experimentally-observed decrease in contrast of the thermal expansion of the glass and melt with
decreasing film thickness [105]. The current situation is that there are several possible explanations, but
no definitive resolution, for this issue, and it highlights the importance of understanding the nature of the
mobility being probed in a given experiment so that meaningful comparisons of different experimental studies
can be made.

4.2 Length scale for changes in mobility

A key result in the measurement of Tg in thin polymer films is the observation of changes in the average
Tg value with film thickness for film thicknesses that are large compared with the size of the cooperatively
rearranging region which is only several nanometers in size [7, 8]. Most theoretical models that have been
developed to interpret experimental results have focused on enhanced mobility near the free surface of a
thin polymer film. In addition to models which postulate mechanisms for enhanced mobility over length
scales much larger than the change in density near the free surface, considerable success in fitting experi-
mental measurements of the average mobility has been obtained using layer models in which the variation
in mobility with distance from the film interfaces is modelled as homogeneous layers of different mobility.
Using layer models, estimates of the spatial extent of the enhanced mobility due to the free surface have
been obtained from comparisons between average Tg values measured for PS films of different thickness
from PALS measurements [42], heat capacity jumps observed for PS spheres [21], as well as the Tg values
inferred for a free surface [108], the relaxation of perturbed surfaces [101, 102, 103, 104] and the embedding
of small particles [107]. These estimates range from several nanometers to approximately 10 nm. Com-
puter simulations on confined polymer systems, which have the advantage of allowing the determination of
detailed information concerning the distance- and direction-dependent mobility with respect to a confining
wall, have revealed changes to the dynamics over distances from the confining walls that are comparable
to Ree [109, 110, 116, 119], which is of the order of several nanometers for the short molecules used in the
simulations.

It is expected that the dynamical behaviour will vary smoothly with distance from the free surface. The
layer models approximate this smooth variation in a rather crude manner: it is modelled as an abrupt tran-
sition from an outer layer of uniformly fast dynamics to an inner layer of uniformly bulk dynamics. Ideally,
one would like to have the ability to probe the mobility as a function of distance from the film interfaces,
as suggested in Refs. [40, 41]. This has been provided by the recent depth-dependent Tg measurements of
Ellison and Torkelson [35]. This detailed study has shown convincingly that there are reductions in Tg near
a free surface that extend over distances of tens of nanometers from the free surface. This length scale for en-
hanced mobility near a free surface is considerably larger than that inferred from layer model interpretations
of previous data, and this suggests that the use of layer models may be inadequate to interpret measurements
which probe the average mobility of the film. The study of Ellison and Torkelson has also addressed the
effect of confinement on the distribution of Tg values with distance from the free surface. In principle, it
is possible that Tg reductions near a free surface may be due to the influence of the free surface, due to
confinement within a thin film, or due to both effects. Ellison and Torkelson have demonstrated clearly that
both free surface and confinement effects are important: there are reductions in Tg near a free surface that
extend over distances of tens of nanometers from the free surface, but the magnitude of the reduction at the
free surface can also depend on the overall thickness of the film. If the film is sufficiently thin, compared
with the spatial extent of Tg reductions from the free surface, the reduction in Tg at the free surface is less
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than that observed for the free surface of a very thick film, even though the average Tg value for the thin
film is less than that of the thick film. The approach of using fluorescently-tagged layers within multilayer
films holds much promise to more completely elucidate the detailed Tg behaviour near free polymer surfaces
and within thin polymer films.

4.3 Non-equilibrium nature of thin polymer films

Spincoating of dilute polymer solutions onto substrates is a powerful technique that allows the deposition
of thin polymer films of uniform thickness ranging from nanometers to micrometers. However, the glassy
polymer film produced by rapid evaporation of the solvent (solvent quench) differs from that produced by a
temperature quench in that there are unwanted solvent molecules present during the solvent quench as well
as orientation of the polymer chains along the radial direction. As the solvent content is reduced during
spincoating, during a time determined by the volatility of the solvent, the glassy state “freezes in” below
a critical concentration, which for polystyrene in toluene at 25◦C is 14% by mass of toluene [132]. This
means that the material undergoes a large shrinkage in the glassy state as the remaining solvent molecules
are removed. In addition, since evaporation takes place at the free surface of the film, flow instabilities and
the formation of a “crust” can be obtained [133, 134, 135]. Annealing of the films at temperatures greater
than the bulk value of Tg is typically performed after spincoating to allow the chains to relax, but stress
relaxation can be inhibited by attractive interactions between the polymer molecules and the substrate. In
addition, there is a tendency for the film to break up or dewet at elevated temperatures due to nucleation
of holes at defects, e.g. dust or density inhomogeneities, or by amplification of thermal fluctuations of the
free surface of the film for the cases in which the dispersion interaction acting across the film is attractive.
Therefore the annealing process is a tradeoff between relaxing the chains and preventing the dewetting of
the film, and the best criteria for producing a glassy polymer film is not unambiguously defined.

Ideally, the spincoated polymer films would be heated to a sufficiently high temperature for a sufficiently
long time to allow the molecules to diffuse by a distance which is at least comparable to the overall size of the
molecule. This time, also called the reptation time τr ∼ M3.4

w , can be identified as the time corresponding
to the transition between the plateau and terminal flow regions on the J(t) curve shown in Figure 4. For
the annealing of PS films at T = 115◦C for 12 h (typical conditions) [51], the annealing time is less than τr

for Mw > 850 × 103. It has been argued that, for the purposes of Tg measurements, it is only necessary to
anneal the films for times that are sufficient to allow chain segments between entanglement points to relax,
and these times are substantially less than τr for high Mw polymers [51]. One has to also consider the effect
on Tg of changes to the chain conformation and entanglement produced by sample preparation, e.g. radial
stretching of the molecules due to the spincoating process. If the Tg reductions were due to the distortion
of the chain conformations, then this would be observed for all film thicknesses and the distinctive Tg(h)
behaviour in Figure 6, with bulk Tg values for large film thickness and reduced Tg values below a threshold
film thickness value, would not be observed. Recent experimental studies have found that reductions in
the entanglement density in spincoated polymer films are not responsible for Tg reductions in thin polymer
films [30, 136].

5 Summary

It has been twelve years since Jackson and McKenna [13] reported reductions in Tg for organic liquids confined
to porous glasses, ten years since Reiter [56] found evidence for enhanced mobility in dewetting studies of thin
polymer films, and nine years since Keddie et al. [23] presented the first systematic study of Tg reductions
in thin polymer films with decreasing film thickness. Since then, extensive experimental, theoretical and
computational efforts have focused on trying to explain these original, provocative results. By focusing on
well-defined experimental confining geometries such as supported single and multilayer polymer films and
freely-standing polymer films, with corresponding theories and computer simulations for these geometries,
much has been learned of the effect of the film interfaces and free surfaces on the glass transition and chain
diffusion. These studies have also provided additional surprising results. In particular, the results obtained
for freely-standing polymer films are unique and remarkable, and further developments of experiments and
theories are needed to understand this behaviour in detail. In addition, considerable experimental evidence
has been obtained that shows that segmental mobility can be enhanced in very thin polymer films while
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chain diffusion is unchanged from that in bulk. This behaviour is another indication that dynamics in
thin polymer films can be considerably different from that in bulk. The development of new experimental
techniques to study the dynamics of polymers at free surfaces provides the promise of new insights, but
additional effort is required to develop the proper analysis of the data, especially those involving mechanical
deformation of polymers at elevated temperatures, so that the results obtained using different techniques can
be meaningfully compared. The use of new and improved experimental techniques and sophisticated sample
geometries, combined with advances in theoretical analyses and computer simulations, will ensure that the
study of dynamics in thin polymer films remains a rich area of research, leading to a deeper understanding
of mobility of confined polymer molecules on different length scales.
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[76] F Saulnier, E Raphaël, P-G de Gennes. Phys Rev Lett 88: 196101, 2002.
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